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The mechanical properties of materials usually depend on the size of the considered object. Silicon, for
instance, undergoes between the macroscopic and nanometer scales, a brittle-to-ductile transition at
room temperature. Although essential for the constantly developing Si-based nanotechnologies, the
origin of this remarkable behaviour change remains undetermined for several years. The observation of
the mechanisms responsible for plastic deformation in nano-objects is indeed highly challenging at the
microscopic scale. One needs controlling the deformation while identifying induced individual plastic
events at the smallest scale during the first stages of plasticity. This work describes nano-compression
experiments on 100 nm-diameter Si nanopillars followed by post-mortem analysis of the deformed
specimens through SEM and atomic resolution TEM imaging. The observed plastic deformation disrupts
the usual description of low-temperature undissociated-dislocations-mediated plasticity and is com-
forted by molecular dynamics calculations. These results shed a new light on the transition between
ductile and brittle regimes in silicon by introducing the missing link between plasticity and fracture.

© 2018 Acta Materialia Inc. Published by Elsevier Ltd. All rights reserved.
1. Introduction

Among all semiconducting materials, silicon occupies a central
place as the basic element of the microelectronics industry since
more than fifty years. The performance of this material can still be
intensively enhanced through various engineering developments
such as crystal orientation, strain engineering, nanowire geometry
[1]. Because of both its industrial interest and the high control of its
crystal growth, which makes silicon a model material for funda-
mental studies, possible dislocation types in this material have
been theoretically investigated since the early 60's [2e4], and its
mechanical properties have beenwidely studied both in ductile and
brittle regimes, i.e. at high and low temperatures respectively [5]. In
particular, for bulk material, the deformation mechanisms above
the brittle-to-ductile transition (BDT) temperature (~700K) are
highly documented and rely on the propagation of partial dislo-
cations in the {111} close-packed planes of the diamond structure
xier).
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[6,7]. In the brittle regime, plastic deformation induced by
compression experiments performed at very high stresses has been
attributed to the propagation of non-dissociated dislocations [8,9].
The transition between the two regimes is supposed to be corre-
lated with the respective temperature-and-stress-dependent
mobility of either partial or perfect dislocations [10e12]. In addi-
tion, recent works revealed a size-dependent BDT temperature in
silicon, evidenced by the ductile behaviour of silicon nano-objects
deformed at room temperature [13e19]. These observations have
thus raised new questions concerning the plasticity at small scale/
low temperature in silicon and the origin of the BDT. At the same
time, the size effect on BDT has also been observed in other semi-
conducting materials such as silicon carbide [20], GaAs [21] and
InSb [22] or in metallic glasses [23]. These recent studies have
highlighted the intriguing mechanical behaviour of semi-
conductingmaterials at small scales, while constituting the starting
point for fundamental researches [24e26] aiming at elucidating
this puzzling issue whose scope is considerable for future appli-
cations in the field of nanotechnology.

In this study, silicon nanopillars with small diameters of 100 nm
and 340 nm in height have been considered. The <110> crystallo-
graphic orientation of the nanopillars allows an easy identification
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of the elementary deformation mechanisms in the ductile regime,
since only two equivalent {111} slip systems are activated for such
deformation conditions. The post mortem high-resolution trans-
mission electron microscopy (HRTEM) analyses of plastically
deformed silicon nanopillars as well as molecular dynamics simu-
lations reveal that the ductile behaviour of these objects involves
several types of dislocations whose core equilibrium states exhibit
polymorphic configurations. Here, we notably demonstrate the
presence of isolated dissociated 60� dislocations, which leads to
revisit the paradigm of low temperature plasticity in silicon resting
on the propagation of perfect dislocations in the shuffle set
[9,27,28]. The confrontation of the experimental results with mo-
lecular dynamics (MD) simulations underlines the respective roles
of perfect and partial dislocations.

This study allows deeply reinterpreting the experimental data
recently reported in the literature and highlights the intricate
relationship between BDT, dislocation interactions, and size effect.
2. Experimental details

<110> oriented nanopillars (cf. Fig. 1a) have been defined by e-
beam lithography and etched by reactive ion etching (RIE) from a
<110> oriented silicon-on-insulator (SOI) substrate. A dedicated
fluorine-based process has been optimized for vertical and smooth
sidewalls without trenching. The whole superficial [110]-oriented
silicon layer of silicon-on-insulator (SOI) wafers has been etched.
The geometry of the obtained nano-pillars is almost perfectly cy-
lindrical with a negligible superficial roughness and the sole
presence of a very thin native oxide layer, as confirmed later by the
TEM observations of the pristine nanopillars. Thus, the highly-
controlled shape and the quality of the crystal exhibited by the
nanopillars elaborated using the RIE process allow to exclude the
possible influence of surface defects or superficial irregularities on
the deformation mechanisms.

The compression tests were carried out with a nanoindenter U-
NHT from Anton Paar, equipped with a diamond flat punch. The
misalignment between the flat punch and the pillars was less than
0.4�. The U-NHT design presents an active reference at the contact
Fig. 1. Plastic deformation of cylindrical silicon nanopillar. a. The shape of the pristine nanop
visible at the head of the deformed nanopillars is characteristic of a ductile behaviour. c.
evidenced by sudden load drops in the stress-strain curves measured for each deformation
elastic response is observed during unloading the sample. d. TEM imaging of deformed nanop
It must be noticed that the deformed nanopillar has been embedded in a Pt protective layer
The crystallographic orientation of the nanopillar and the silicon crystalline structure are
interpretation of the references to colour in this figure legend, the reader is referred to the
of the sample surface, which provides a very high mechanical and
thermal stability. The force and the displacement were measured
with two independent sensors, and the experiments were per-
formed in depth control mode, with a displacement rate of the
indenter of 10 nmmin�1, which corresponds to a strain rate of
5.4� 10�4 s�1. The engineering stress was calculated from the
applied load and from the diameter at half the pillar height, and the
engineering strainwas calculated from the measured displacement
after correcting the effect of the SiO2 substrate compliance thanks
to the Sneddon's equation [29].

HRTEM imaging was carried out using an aberration corrected
FEI Titan 80e300 microscope, operating at 200 kV to reduce the
irradiation damaging. Spherical aberration Cs was set to
about �10 mm in order to both improve spatial resolution and
optimize the phase contrast [30]. Analysis of the post mortem
HRTEM images makes use of the comparison between strain
mappings extracted from both experimental images and simulated
ones. This method allows discerning slightly different dislocations
microstructures in case of very closely interacting defects, even if
their core structure cannot be thoroughly resolved directly due to
the local bending of the TEM lamellae. Thickness of the TEM la-
mellas was estimated from the comparison between focal series
carried out in defect free areas and multislice simulations per-
formed using the JEMS software [31]. The atomic structures used
for the image simulations of the deformed areas were built using
isotropic calculations obeying the classical elasticity theory [3] and
then relaxed with numerical calculations using the Stillinger-
Weber semi-empirical potential [32] for refining the atomic posi-
tions in the dislocation core regions. Deformation mapping were
obtained by geometrical phase analysis [33] of experimental and
simulated images using the GPA for DigitalMicrograph plugin from
HREM Research Inc. Mapping of the three components εxx, εyy, and
εxy of the in-plane strain tensor were extracted from both raw
experimental images and simulated images using the geometrical
phase analysis (GPA) method described elsewhere [33]. A Gaussian
aperture (diameter equals to g/4) was used for the phase recon-
struction. In the simulated images, an insert of non-deformed
crystal was used as a reference for the strain analysis. Measured
illars is cylindrical with a side wall taper of 1.8� (SEM image). b. The large shear usually
Experimental deformation curve. Dislocation nucleation events (see black arrow) are
experiment. The large plastic flow is characterized by a very slight hardening. A purely
illars observed in cross section allows to see the localisation of the plastic deformation.
before the TEM sample preparation to avoid damaging during the FIB micromachining.
depicted in the inset. The scale bars are 100 nm for both SEM and TEM images. (For
Web version of this article.)
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strain is reported in temperature scale on the mappings allowing
easily distinguish between the compressive and tensile zones,
which form characteristic lobes around edge and mixed disloca-
tions [33]. Stacking faults are evidenced in the strain map by the
presence of a trail whose appearance depends on the image defo-
cus. This characteristic footprint results from an artificial calculated
strain jump caused by the discontinuity constituted by the stacking
fault in the periodic crystalline structure.

The silicon atoms interactions were modeled by the Stillinger-
Weber potential that we have optimized in order to get better
elastic, plastic and brittle properties [32]. The simulations were
done with LAMMPS code [34], in the NVT (canonic) ensemble. The
Verlet algorithm was used to calculate atomic trajectories with an
integration time step of 1 fs. The temperature (either 10 K or 300 K)
was controlled with the Nos�e-Hoover thermostat with a small
coupling with the thermostat (a temperature damping parameter
of 1 ps was used). The deformations were performed at relatively
small strain rate of 106 s�1 compared to usual MD strain rate of 108

s�1. As previously proposed by another group [35], this lower strain
rate was the key parameter to observe new mechanisms, here
dislocation dissociation at low temperature. In Fig. 4, the
Fig. 2. Perfect and dissociated dislocations. a. Experimental image and b. schematic descrip
prior to FIB micromachining). The axis of the nanopillar is vertical. The plastic deformation
right part of the image, which were produced by the propagation of numerous dislocations
and corresponding calculated atomic structure (top-right) containing a dislocation dissociat
(Fig. 3f). The strain maps corresponding to the experimental (left) and calculated (right) stru
structures constituted by 2 perfect dislocations d3 and d4 interacting with a closely dissocia
The best agreement between strain maps extracted from the experimental image and the cal
simulations were donewith a set of parameters of the SW potentiel
fitted to get the good shear modulus and cell parameter [36].
Atomic configurations were extracted with Ovito [37].
3. Results and discussion

The various stages of deformation (elastic loading, activation of
dislocation sources, plastic flow) are distinguishable in the defor-
mation curves extracted from the nano-compression experiments
(Fig. 1c). The yield stress value is found to be 8.3± 0.8 GPa on
average. Large load drops, attributed to massive nucleation events,
arise at different stages of the plastic deformation, although the
measured force oscillations evidenced during the plastic flow,
strongly suggest that continuous nucleation proceeds simulta-
neously to dislocation multiplication. It must be noticed that, in
spite of the high stress values reached during the compression
experiments, the phase transformations observed in silicon
deformed under hydrostatic pressure [38] or using nano-
indentation [39,40] were not evidenced in our deformed nano-
pillars. Indeed, the deformation curves do not exhibit the pop-out
event characteristic for phase transformations usually observed in
tion of a sheared zone of the specimen (embedded in the Pt protective layer deposited
of this nanopillar (εpl¼ 5%) leads to the formation of a few surface steps visible in the
in the same slip planes (scale bar 5 nm). c. Detail of the experimental image (top-left)
ed in a Shockley partial (d1) and a shuffle partial (d’1), as suggested by MD observations
ctures are given below. d. Detail of the experimental image (left) and calculated atomic
ted dislocation d2 and d’2 (middle) or 3 interacting non-dissociated dislocations (right).
culated structures is obtained with the structure containing the dissociated dislocation.



Fig. 3. 300K molecular dynamics simulations of nanopillar compression. a. The left panel shows the transient core configuration of a mobile perfect dislocation that is constricted in
its slip plane (the shuffle plane) and called S1. When the dislocation stops the core expands on two, then three shuffle planes, the configurations are then called S2 and S3
respectively. In configuration S2 and S3, the dislocation spans onto one or two glide planes (close-packed) and the dislocation cannot move anymore under pure shear stress [28]. b.
and c. 3D mesh reconstruction of the atomic structure before and after compression of 14%. d. Slice parallel to the (�11 0) plane of the deformed pillar shown in c. Stacking faults are
evidenced by orange atoms. e. Zoom on txhe atomic structure of the perfect non-dissociated dislocation showing a sessile core S3 expanded on three {111} shuffle planes [28]. f.
Slice parallel to the (111) slip plane revealing a perfect dislocation (blue line) that becomes dissociated in two partial dislocations (green lines). The boxes indicate the zoomed zones
shown in e. and g. Grey arrows correspond to Burgers vectors. g. Zoom on atomic structure of the perfect dislocation after dissociation, revealing composite partial dislocations
located in between either the glide-set or the shuffle-set planes, and respectively called ‘Shockley’ partial dislocation [6,7] and ‘shuffle’ partial dislocation [30] in the earlier
literature. (For interpretation of the references to colour in this figure legend, the reader is referred to the Web version of this article.)
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the deformation curves during the elastic unloading of the sample
[39] and the post mortem TEM observation only revealed the
presence of the SieI diamond cubic phase. The absence of phase
transformations in the deformed nanopillars can be explained by
the deconfinement effect proposed by Chrobak et al. [41]. From the
post mortem SEM and TEM observations (Fig.1b and d), we confirm
the ductile behaviour of silicon nano-objects at room temperature:
the large shearing induced by the uniaxial compression is usually
located at the top of the nanopillars during the first stage of
deformation, while no crack is visible, except in some nanopillars
deformed at the highest strains (εpl>13%). We notably focused our
analyses on the structure of individual extended defects produced
in the first stages of deformation, and their interactions while
increasing the plastic strain. The nature and core configurations of
dislocations were studied using HRTEM imaging and image simu-
lations based on various models of atomic structures of defects,
which were built using analytical elasticity equations and relaxed
with numerical calculations using the Stillinger-Weber semi-
empirical potential [32]. The analysis of the local strain field pro-
duced by the various types of defects, measured by the geometrical
phase analysis method for the experimental and simulated HRTEM
images, was also exploited. This approach allowed us to overcome
the limitations of HRTEM imaging for resolving atomic structures,
which result from the unavoidable twisting of very thin TEM
specimens around structural defects produced under very high
stresses. Thanks to this analysis procedure, we were able to
unambiguously determine both the type and equilibrium position
of isolated and closely interacting defects. Fig. 2 displays HRTEM
images and their analyses for relatively low plastic strain (lower
than 10%). Fig. 2d reveals the presence of well expected perfect (i.e.
non-dissociated) 60� 1/2<1 10>{111} dislocations (d3 and d4). The
observed configuration implies dislocations gliding in several
intersecting slip systems which most probably interact with each
other. Indeed, the observed perfect dislocations are likely pinned,
as strongly suggested by their equilibrium position, which is
located at the intersection of the various activated slip planes (S1,
S3 and S4, as shown in Fig. 2b).

More surprisingly, the post mortem analyses of the deformed
specimen also indicate the presence of 60� dislocations, which are
dissociated into two partial dislocations. The observed dissociated
dislocations consist in pairs of partial 1/6<112>{111} dislocations
separated by stacking faults extending in the {111} glide set planes
(Fig. 2a and b). Using the GPA analysis, we compared the strain
mapping extracted from either the experimental HRTEM images, or
the simulated HRTEM images of various calculated atomic struc-
tures containing different types of dislocations (see Fig. 2c and d).
An example of isolated dissociated dislocation is shown in Fig. 2c.
This dissociated dislocation consists in a stacking fault, bounded on
one side by a 90� (d1) partial dislocation and on the other side by a
30� (d’1) partial dislocation, as shown by the excellent agreement



Fig. 4. Transition defects. a. HRTEM observation of transition defects observed in nanopillars deformed with the highest values of imposed strain (here εpl¼ 13%). The scale bar
corresponds to 10 nm. Plastic events take place in unexpected slip planes (see yellow arrows). This secondary activated system for plastic deformation systematically initiates from
pre-activated {111} slip systems. The observed disorder produced by such a transition defect defines corrugated planes, close to the {115} crystallographic planes. b. Transition defect
obtained by MD calculation performed at 10K. c. HRTEM image simulation of the calculated structure shown in b. d. Experimental contrast obtained in HRTEM for similar imaging
conditions. (For interpretation of the references to colour in this figure legend, the reader is referred to the Web version of this article.)
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between experimental and calculated strain maps for the εxx, εyy
and εxy components of the strain tensor (Fig. 2c). The stacking fault
is evidenced in the strain maps by the presence of a characteristic
footprint, which appears as a deformation trail between the two
partial dislocation cores. The dissociation length is about 1.7 nm in
the strongly interacting configuration (Fig. 2d), whereas this
dissociation is only expected at high temperature with a dissocia-
tion length about 4e8 nm [42]. Moreover, it appears that the
dissociation distance between the leading and the trailing dislo-
cations likely depends on the surrounding microstructure and can
reach 8.7 nm in less constrained configuration (Fig. 2c). It must be
stressed that dissociated dislocations produced by deformation of
silicon were not expected at low temperature and that their direct
identification were never reported before in the literature
(although partial dislocations and stacking-faults have been sug-
gested in Ref. [16]). To understand the existence of such experi-
mentally observed microstructure, numerical experiments have
been performed.

In agreement with experiments, Molecular Dynamics (MD)
simulations also evidence the presence of perfect dislocations in
the shuffle set, carrying a large part of the plasticity (Fig. 3). As
surprisingly as in experiments, under large plastic deformations,
60� dislocations dissociated into two partial dislocations were also
observed (Fig. 3f).

A detailed analysis revealed that once the applied stress is
exhausted, or under the internal stress caused by plasticity, some of
the perfect dislocations stop and their glissile cores (S1 in Fig. 3a)
undergo a transformation that spans the core onto 3 slip planes
(Fig. 3a,e) decreasing their energy to make them sessile [28].
However, under compressive re-loading, the sessile dislocation (S3)
dissociates in one leading Shockley partial dislocation and a trailing
partial dislocation, called in early literature ‘shuffle partial’ [4,43]
but never observed until now, respectively located in the glide set
plane and in the juxtaposed shuffle set plane (Fig. 3g). This disso-
ciation originates from the dislocation core spanned on several
shuffle and glide planes in conjunction with high compressive
shear stress that can be sustained by nanopillars. In addition, it
appears that the high compressive stress brings the atoms of the
consecutive slip planes closer together, such that a flipping mech-
anism of the atoms in the core region allows the shuffle partial
dislocation to glide in its shuffle slip plane, leading to the formation
of a stacking fault. Effectively, the shuffle partial dislocation, once
nucleated, is quite mobile under 5.5% of shear strain in spite of the
low temperature (300K), conversely to the Shockley partial that
moves by double kink formation only at high temperature [11]
(>700K). Finally, the underrated concept of shuffle partial disloca-
tion appears then as a key defect explaining the formation of
stacking faults at low temperature. Then, the propagation of shuffle
partial dislocations constitutes the predominant conservative
mechanism mainly driven by the high stress sustained by silicon
nanostructures, compatible with the well-established scenario of
the silicon plasticity at low temperature localized in the shuffle set.

Moreover, to go further in the understanding of the brittle-to-
ductile transition, HRTEM images of nanopillars deformed at the
highest strain (more than 10%) have been analyzed. Surprisingly,
the observations unveiled the formation of straight disordered re-
gions, which spread out along {115} planes (Fig. 4). In addition,
these extended defects are systematically nucleated from prelimi-
narily activated {111} slip planes containing a high density of 60�

dislocations. Interestingly, this plane orientation was previously
found as interphase boundaries between the cubic diamond (3C)
and the hexagonal phases (2H) of silicon nucleated during nano-
indentation tests [44]. However, the formation of the observed
defects is not correlated here with a mechanism involving twin
intersections, but likely results from a shear driven mechanism
[45], which comes along with phase transformation when thermal
activation is efficient [46]. Based on the existence of partial shuffle
dislocations and perfect dislocations in strong interaction, one can
determine the possible microstructure evolution when increasing
the imposed strain, until the fracture of the specimen. Indeed, the
dislocation interactions would increase with the imposed strain
and the dislocation multiplication should likely favor the various
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types of mobile dislocations to recombine and form several types of
junctions provided the Frank's criterion is satisfied. All the possible
reactions between mobile perfect dislocations and partial disloca-
tions resulting from the dissociation of sessile dislocations have in
common to produce a shearing out of the {111} dense planes, the
slip plane containing both the junction line and Burgers vectors
being parallel to either a {112}, a {221} or a {115} crystallographic
plane. In addition, the motion of the produced partial junctions
should leave a high-energy stacking fault, thus these junctions are
assumed to be sessile or weakly mobile leading to strain hardening
[47]. Although the nucleationmechanism of these extended defects
remains unclear, it is noteworthy that they are consistent with the
local shearing associated with the formation of partial locking
dislocations through the following reaction:

1/2[101](11-1)þ1/6[11-2](111)/ 1/6[411](11-5)

Very similar planar defects were also observed in certain MD
simulations (Fig. 4b). The formation of such extended defects may
result from the following peculiar conditions: i) interactions be-
tween perfect and shuffle partial dislocations gliding in various
intersecting {111} slip planes (as shown in Fig. 2), ii) exhaustion of
mobile dislocations in the pre-activated {111} slip planes (as shown
in Fig. 3), and iii) very high mechanical stresses.

4. Conclusions

This study shows that unexpected deformation mechanisms
notably involving shuffle partial dislocations and {115} planar de-
fects, occur in silicon nano-objects submitted to large compressive
stress at low temperature.

Several key features are common to the experimental observa-
tions and the MD simulations:

- the onset of plasticity is corroborated by the presence of both
perfect (non-dissociated) and dissociated dislocations, which
were identified by HRTEM imaging in deformed nanopillars as
predicted from MD simulations;

- the dissociation of perfect dislocations proceeds at low tem-
perature and leads to the propagation of shuffle partial dislo-
cations and to the formation of stacking faults;

- when increasing the imposed strain, secondary plastic events
occur in {115} planes. These extended defects likely result from
the recombination of perfect and partial dislocations forming
sessile or weakly mobile junctions under large enough stress
that can be sustained by the smallest nanostructures which are
initially free of cracks and cavities.

The existence of shuffle partial dislocations changes the current
picture of plasticity in silicon, notably due to their highmobility and
their probable role in the formation of extended stacking faults
(already pointed out in nano-objects deformed at low temperature
[16]). Furthermore, the defects resulting from the stress concen-
tration out of the {111} slip planes, could constitute the “transition
defects” between the ductile and the brittle regimes, possibly
inducing the formation and growth of amorphous bands [14,18], or
initiating flaws leading to crack nucleation [48]. Thus, the appear-
ance of these defects, unsuspected until now, is proposed to
constitute the missing link between the plastic regime governed by
the propagation of gliding defects and the brittle regime charac-
terized by the propagation of cracks. Moreover, we believe that the
size effect on mechanical behaviour observed in silicon and others
semiconducting materials is mainly correlated with the formation
of these defects rather than related with surface nucleation of
dislocations as proposed by other authors [15,49]. Indeed, the
formation of these transition defects likely results from the inter-
action between various types of mobile dislocations and directly
depends on the locking interaction probability. Because of the very
high stress levels necessary to nucleate dislocations in an initially
defect-free crystal at low temperature, freshly-nucleated disloca-
tions are expected to glide with a high velocity. Thus, only very few
dislocations are stored in the smallest nanostructures, which
exhibit a high surface-over-volume ratio. The probability for lock-
ing dislocation interactions consequently decreases with the
decreasing volume of deformed materials and the formation of
transition defects, which constitute potential nucleation sites for
cracks, is then reduced in nano-objects in comparison with bulk
material. Beyond the fundamental scope introduced by the dis-
covery of these original transition defects, this work also underlines
the polymorphism of mobile dislocations at low temperature in
silicon nanopillars deformed in uniaxial compression which is the
mechanical test approaching at best a real nano-device subject to
mechanical stress. Among all the various possible dislocation re-
combinations, some lead to the embrittlement of the material by
the formation of transition defects in {115} planes which are po-
tential crack sources. Furthermore, we predict a large sensitivity of
the BD transition to the crystal orientation. Indeed, the multiplicity
of activated slip systems, hence the crystallographic orientation of
the stressed silicon nano-objects, plays an essential role in the
ductile-brittle transition at low temperatures. These results bear
important consequences on the reliability of nano-
electromechanical devices (NEMS) based on Si nanobeams.
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