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Although the literature on mechanical properties of nanostructures is extensive, there are still few
studies focusing on coreeshell nanoparticles. In these systems, which are interesting in a broad range of
applications, one could genuinely assume that the softest part, be it the core or the shell, will first yield
when submitted to compression. To test this view, we have carried out large scale molecular dynamics
simulations of uniaxially compressed coreeshell Si-SiC nanoparticles. Our first conclusion is that for the
investigated size range (diameters equal or below 50 nm), the nanoparticles yield plastically with no
signs of fracture, in agreement with experiments on single material systems. Furthermore, our in-
vestigations also reveal that depending on the shell thickness, plastic deformation is confined either in
the core or in the shell. We propose a model, based on the theory of contact mechanics and geometrical
arguments, to explain this surprising result. Furthermore, we find that for a specific shell to diameter
ratio, corresponding to the transition between core and shell, the stress concentration in the nano-
particles is apparently hindered, leading to a delayed plastic deformation.

© 2018 Acta Materialia Inc. Published by Elsevier Ltd. All rights reserved.
1. Introduction

Among nanostructured materials, coreeshell nanoparticles
begin to attract widespread interest because of promising pros-
pects in nanotechnology, nanoelectronics, nanocatalysis, optics,
nanomedicine, energy storage, or nanobiology [1,2]. Compared to
nanoparticles made of a single material, these systems offer addi-
tional advantages such as synergistic or enhanced properties
coming from the interaction between core and shell, while pre-
serving the high surface-to-volume ratio. Furthermore, the
coreeshell interface can also be a key tunable parameter, increasing
even more capabilities.

All these aspects motivated an exponentially growing number of
studies aiming at a better understanding and control of the features
of coreeshell nanoparticles. However, the focus is usually put on
optical, electronic or catalytic aspects, but rarely on mechanical
properties. Our knowledge regarding how coreeshell nanoparticles
would respond to a mechanical sollicitation is still in its infancy. For
systems with one or several nanometric dimensions, it is now well
established that mechanical properties can be greatly modified
(L. Pizzagalli).
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compared to bulk materials, mainly because of the presence of
surfaces [3,4]. This is often coined as a size effect, as dimension
reduction tends to increase the surface-to-volume ratio. In
coreeshell systems, the influence of surfaces is also expected, but
the presence of two different materials, and the interface in be-
tween, could further significantly change mechanical properties.

In the literature, most of the relevant information on the me-
chanical properties actually concerns systems with a shell harder
than the core [5]. For instance, spectacular shape restoration effects
were discovered for silica coated silver nanowires [6], and for a-Si
coated aluminum nanodots [7]. Recently, Godet et al. showed that a
quasi-perfect elasto-plastic regime could be reached during the
tensile deformation of a-Si coated gold nanowires [8]. These few
results suggest that original and unforeseen behaviors could be
expected for coreeshell nanoparticles.

In this paper we describe our theoretical investigations of the
mechanical properties of coreeshell Si-SiC nanoparticles. These
systems are chosen for the following reasons. On the one hand,
silicon is a model for covalent materials, and its bulk plasticity
properties are reasonably known [9]. Furthermore, we have at our
disposal an abundant information on the mechanical properties of
silicon nanoparticles [10e14]. On the other hand, Si-SiC composites
are promising materials for sensors in bionanotechnology [15],
because of the excellent bio-compatibility and functionalization
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Table 1
Diameter and shell thickness d parameters (in nm) for the nanoparticle con-
figurations investigated in this work.

ø (nm) SiC shell thickness d (nm)

50 0 (Si NP)/2.5/5.0/8.8/12.5/25.0 (SiC NP)
20 0 (Si NP)/1.0/2.0/3.5/ 5.0/10.0 (SiC NP)
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capability of silicon carbide, while silicon remains the base material
in current electronic devices. Moreover spherical Si-SiC nano-
particles are experimentally feasible systems, since several syn-
thesis methods have been successfully tested [16e18].

Our investigations bring several important highlights. First, high
applied stresses can be reached with no signs of fracture, revealing
original plasticity mechanisms. Secondly, we show that the me-
chanical response of the Si-SiC nanoparticle is critically dependent
on the shell thickness, with a plastic deformation either confined in
the SiC shell or in the Si core. Finally, it is revealed that at the
transition, stress concentration is apparently inhibited, yielding an
original and unprecedented elastic state at the onset of plastic
deformation.
2. Models and methods

Several models of spherical Si-SiC coreeshell nanoparticle are
studied in this work. They are built by first carving spheres of
diameter ø from a perfect silicon crystal of lattice parameter equal
to 5.43Å. Then the region defined by a spherical shell starting from
the surface and of width d is emptied and next filled by a cubic
silicon carbide crystal of lattice parameter equal to 4.36Å, with the
same orientation than the remaining silicon part. This procedure
creates a Si-SiC coreeshell nanoparticle with an unrelaxed sharp
and incoherent interface (Fig. 1-a). In a second step, a NVT molec-
ular dynamics run of 70 ps and at a temperature of 300 K is per-
formed to improve the interface quality. This defines the coreeshell
nanoparticles with a ‘sharp’ Si/SiC interface. Two different nano-
particles sizes, with ø ¼ 20 nm, 50 nm, and several shell thick-
nesses are studied (Table 1). We also consider pure Si and SiC
nanoparticles, in order to compare with coreeshell systems.

A second set of configurations with a 50 nm diameter and a
different Si/SiC interfacial structure has been generated. Starting
from a systemwith an unrelaxed sharp interface, a shell part of the
Si core is replaced with a disordered SiC phase including 2=3 Si and
Fig. 1. (a,b) Cross-section views of undeformed Si-SiC coreeshell nanoparticles with a 50 nm
interfaces. (c) Average potential energy per atom from the center to the nanoparticle edge
structure. (d) True stressetrue strain curves determined for a sharp interface 50 nm nanopar
as a function of d, expressed in percentage relative to the nanoparticle diameter, for differen
full symbols denoting calculations at 5 K and empty ones at 300 K).
1=3 C. This composition corresponds to the volumetric mixing of
50% of Si and SiC, when the lattice parameter differences between
Si and SiC is taken into account. Starting from the Si/SiC boundary,
and for a thickness 2.5 nm, Si and C atoms are randomly placed in
cubic diamond lattice positions, defined with a lattice constant of
4.90 Å equal to the average of Si and SiC lattice constants. Thewhole
system is then first relaxed with conjugate gradient. Next, a NVT
molecular dynamics run of 200 ps and at a temperature of 300 K is
carried out. We find that this procedure allows for obtaining a
mechanically and structurally stable amorphous interface (Fig. 1-b).
Additional calculations made with longer durations and higher
temperatures do not bring significant changes. The respective
widths of ‘sharp’ and ‘amorphous' interfaces can be seen in Fig. 1-c.

The LAMMPS package [19,20] is used to perform all molecular
dynamics and conjugate gradient simulations. The integration of
the equation of motions is done with a timestep of 1 fs, and tem-
perature is controlled using a Nose-Hoover thermostat. Uniaxial
compression is achieved by using two moving virtual planar in-
denters, defined by a quadratic repulsive force field as imple-
mented in LAMMPS [21]. Infinitely hard indenters are set using a
force field parameter equal to 1000 eV Åe3 [14,22]. These indenters
are initially located on each side of the nanoparticle, and move
towards each other at a constant velocity of 0.1 Å/ps during
compression tests, with a 〈100〉 orientation relatively to the silicon
lattice. This corresponds to engineering strain rates of 2� 108 se1

(5� 108 se1) for a ø ¼ 50 nm (ø ¼ 20 nm) nanoparticle, which is
typical of molecular dynamics simulations. Interatomic interactions
diameter and a SiC shell thickness d ¼ 8:8 nm, with (a) sharp and (b) amorphous Si/SiC
, for both (a) and (b) configurations, revealing the width of the amorphous interface
ticle at 5 K, and different SiC shell thickness d values. (e) Variation of the yield stress sy
t cases (circles: 50 nm sharp, squares: 50 nm amorphous, triangles: 20 nm sharp, with
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are described using the environment-dependent interatomic po-
tential (EDIP) [23], with parameters specifically generated for an
accurate description of extended defects in both silicon and silicon
carbide [24]. All simulations are carried out at both 5 K and 300 K,
to investigate a possible influence of temperature on plasticity
mechanisms.

To determine the true compression stress, it is necessary to
estimate the contact surface area between the indenter and the
nanoparticle. It is determined by first finding atoms distant from
the indenter by less than 1 Å. Next, the contact surface area can be
estimated by a Delaunay triangulation of these atom positions.
Although the distance criterion used here is arbitrary, we find that
reasonable increase or decrease of this threshold lead to negligible
differences in contact surface area. Finally, the true stress is calcu-
lated as the ratio between the response force acting on one
indenter and the contact surface area.

Finally, during molecular dynamics simulations, the atomic
stress tensors for each atom i (of mass mi) are calculated using the
Virial theorem:

sab ¼ �1
Vi
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atom i (of mass mi) along the b direction. The atomic volumes Vi is
calculated using the Voronoi tessellation method. Since the latter
quantity is ill defined for surface atoms, atomic stresses are used
only for non-surface atoms.

The atomic stress tensors are then used to compute the von
Mises stresses defined as
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and the hydrostatic stresses as

sh ¼ 1ffiffiffi
3

p �
sxx þ syy þ szz

�
(3)

Final values used in the paper are next obtained for each atom
by averaging over all its neighbors in a sphere of radius equal to
5.7 Å.
3. Results

The influence of the SiC shell thickness on the mechanical
response of a 50 nm nanoparticle with a sharp interface, com-
pressed at 5 K, can be first analyzed from true stressetrue strain
curves, shown in Fig. 1-d. These curves are all characterized by an
increase of stress at small deformation, with a mean slope
approximately proportional to the SiC content. Small irregular
variations are visible, which are mostly due to localized amorph-
ization and surface reorganization, as will be discussed later. All
curves saturate at a given strain, then decrease, with a particularly
slow rate for nanoparticles with low SiC contents. Similar curves
are obtained for other systems and different conditions.

The yield stress sy is here defined as the maximum stress value,
as it is usually done in literature [12,25,26]. In Fig. 1-e sy is reported
as a function of d. Remarkably, a similar trend is observed for the
various investigated cases: starting from a value of about 10 GPa,
typical of silicon nanoparticles, sy quickly increases with d, until
saturation with maximum values in the range 31e36 GPa. This
plateau is reached when the SiC shell thickness is about 36% of the
diameter, i.e. when d exceeds 8.8 nm. For full SiC nanoparticles
compressed at 300 K, sy is about 31 GPa, which falls in the range of
strength values reported for SiC nanostructures [27e29].

Comparing in Fig. 1-e simulations carried out at 5 K and 300 K
unsurprisingly reveals that the largest sy values are obtained at low
temperatures, since plastic deformation mechanisms in nano-
structures are often thermally activated. However, the differences
remain small, at most 3 GPa. A slightly more pronounced influence
of size can be determined. In fact, in most cases, sy is greater for the
50 nm nanoparticle than for the 20 nm one, by at most 4 GPa. Full
SiC systems show a reverse behavior though. Lastly, our simulations
hint that the interface configuration has little effect on the nano-
particle mechanical properties. This is especially remarkable given
that intuitively, one could have expected a strong dependence be-
tween mechanical yielding and the coreeshell interface.

Overall the nanoparticle strength is essentially dependent on
the SiC thickness. However, the shape of yield stress curves
depicted in Fig. 1-e is not easy to explain. We also tried to plot sy as
a function of the relative proportion of Si and SiC. This leads tomore
linear variations, but discrepancies remain, hinting that a mixing
model is too simplistic to describe the strength of core-shell
nanoparticles. In particular, it is noteworthy that the presence of
a SiC shell with a significant thickness of 2.5 nm has little effect
compared to the uncoated Si nanoparticle. Also, large sy values,
close to the one for the full 50 nm SiC nanoparticle, are obtained
when d is only 8.8 nm.

Further information can be gained from a meticulous analysis of
atomic displacements during compression tests. First, we observe
that the first plastic deformation stages actually correspond to the
flattening of the nanoparticle at the contact with the two virtual
indenters, resulting in a localized surface amorphization. This
process is repeated intermittently, leading to the irregular varia-
tions observed in the initial increasing part of stressestrain curves
(Fig. 1). It is then worth mentioning that sy in Fig. 1-e does not
always correspond to the onset of plastic deformation in the
nanoparticles.

After this initial surface disordering, different scenarios are
possible according to the SiC thickness only, with no influence of
size (50 nm and 20 nm) and temperature (5 K and 300 K). For thin
shells, more precisely when d � 5:0 nm, dislocations nucleate from
the Si-SiC interface and propagate in the silicon core once a strain
threshold is attained (Fig. 2-a). The latter is in most cases lower
than the strain corresponding to sy. Dislocation nucleation is
probably facilitated by the presence of atomic disorder at the
interface [31]. Analysis of atomic displacements reveals that these
dislocations are characterized by a Burgers vector equal to
1=6〈112〉, i.e. they are partial dislocations, and slip in {111} shuffle
planes (Fig. 2-a). The activation of this plasticity mechanism is
unexpected [32], because the {111} shuffle stacking fault has been
predicted to be unstable [33]. However, it appears that the large
pressure exerted by the indenters, and transmitted to the silicon
core by the thin SiC shell, is sufficient to make it stable. The same



Fig. 2. Cross-section views of compressed nanoparticles with a sharp Si-SiC interface and three SiC shell thicknesses d: a) d ¼ 5:0 nm, temperature of 5 K, true strain ε ¼ 0:11, b)
d ¼ 8:8 nm, 5 K, ε ¼ 0:12 (left) then ε ¼ 0:20 (right), c) d ¼ 12:5 nm, 300 K, ε ¼ 0:09 (left) then ε ¼ 0:18 (right). For clarity, perfect crystal atoms inside the nanoparticle are not
shown. Other atoms are colored according to the computed von Mises shear strain [30]. The two frames show slices of enlarged regions, to better visualize the structure of
dislocation cores in Si and SiC, respectively.
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mechanism is observed for pure Si nanoparticles, with the nucle-
ation of partial dislocations from the partially amorphized contact
surface. Note that it is now well documented that the plastic
deformation along 〈100〉 of silicon nanospheres is critically
dependent on the choice of the interatomic potential in molecular
dynamics simulations. For instance, with the Tersoff potential [34],
a b-tin phase transformation is observed, whereas Stillinger-Weber
potentials result in the nucleation of perfect 1=2〈110〉 dislocations
[14,25,35]. To gain further insights, we performed additional cal-
culations using the Erhart-Albe SiC potential [36] as an alternative
to EDIP. Interestingly, the nucleation of shuffle partial dislocations
is also observed with this potential.

The partial dislocations propagate slowly during compression,
like punched dislocation loops, essentially pushed by the applied
load, and thus relaxing a limited amount of stress. This explains
why there are no sharp stress decreases on stressestrain curves,
due to the lack of avalanches of fast-moving dislocations, and also
why the nucleation of the first dislocations occurs before sy is
reached.

These partial dislocations are nucleated in the four equivalent
{111} slip systems, at different interface locations, thus forming
several inversed pyramidal structures below or above the indenters
(Fig. 2-a). For large deformations, additional dislocations can
nucleate from the edges of these structures. The whole process is
very similar to what is observed during the 〈100〉 compression of
metallic nanospheres [22]. Finally, we stress that the plastic
deformation remains confined into the silicon core, even for large
plastic deformation.

In the case of thick SiC shells, i.e. d � 12:5 nm, plastic defor-
mation proceeds according to a different scenario: half-loop dis-
locations with Burgers vector equal to 1=2〈110〉 nucleate in the
vicinity of the surfaces in contact with indenters, and propagate in
shuffle {111} planes (Fig. 2-c). The leading edge exhibits a 60�

character, with a dislocation core easily recognizable (see enlarged
region in Fig. 2-c), and two screw arms connected to the surface.
The presence of similar perfect {111} dislocations in SiC has been
reported in experiments [37]. Increasing the load leads to nucle-
ation of additional dislocations from the surface, or to dislocation
expansion in secondary planes by cross-slip.

Remarkably, dislocation activity remains now essentially
confined in the SiC shell, even for large applied loads. Dislocations
preferentially nucleate and glide in planes that do not cross the
silicon core. The latter is then highly compressed but not sheared by
dislocations. There are rare exceptions though, like represented in
Fig. 2-c. Here, a perfect dislocation, which nucleated and termi-
nated at the SiC shell surface, succeeds in cutting across the silicon
core during its propagation at high strain.

It is also of interest to describe an additional scenario, obtained
for an intermediate SiC thickness value (d ¼ 8:8 nm). In that case,
plastic deformation first occur by the nucleation of partial dislo-
cations from the Si-SiC interface followed by their slow migration
into the silicon core (Fig. 2-b). However, at a certain strain, further
dislocations nucleate from the Si-SiC interface, but they are now
perfect, and migrate into the SiC shell. These dislocations seem to
be somewhat connected to the nucleation sites of the primary
partial dislocations, but the interface is not ordered enough to draw
a clear and definite conclusion.

Finally, a common point to all the systems we investigated is the
absence of fracture during deformation, even at large strains. This
might be surprising, since both silicon and silicon carbide are brittle
materials at the considered temperatures. Furthermore, the Si-SiC
interface could be assumed to be a potential source for crack
initiation. However, it is now widely recognized that the ductile
deformation of brittle materials is favored at low dimensions
[38e41]. This explains why even our 50 nm nanoparticles can be
highly compressed with no fracture.

4. Discussion

To summarize, we find that all coreeshell nanoparticles
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plastically deform mainly by the nucleation and propagation of
dislocations. A major and unprecedented outcome is that there is a
gradual change of plastic localization as a function of the SiC shell
thickness. For low thickness, plasticity starts from the interface and
remains confined in the Si core, then develops in both Si and SiC
from the interface for intermediate values, and finally expands from
the surface and almost exclusively in the SiC shell for a large
thickness.
4.1. Stress concentration

To better understand our results, we find it is highly instructive
to analyze the distribution of von Mises shear stresses in the
nanoparticles, for strains corresponding to the first dislocation
emission. Note that the comparison between different systems
should remain at a qualitative level since these distributions are
computed at slightly different strains. For pure Si or SiC nano-
particles, the largest stresses can be found in the region below
(above) the descending (ascending) indenter (Fig. 3), with a well
defined stress concentration pattern as predicted by theory of
contact mechanics [42]. Maximumvalues in Si are approximately 1/
3 of those in SiC, in agreement with the ratio between shear moduli
in both materials.

For coreeshell nanoparticles, except when d ¼ 8:8 nm, we find
that there are little changes regarding the localization of the largest
stresses, although different patterns of stress distributions can be
distinguished. Hence the maximum stress values can be found in
the SiC shell, even for low d values like 2.5 nm and 5.0 nm. However,
dislocations can first nucleate in the Si part, since the critical
nucleation stress is lower than in SiC. When the shell is thick
enough, the Si core is too far away from the region with high
stresses, and dislocation nucleation becomes favored in the silicon
carbide shell. Therefore, simple concepts from elasticity theory [42]
are enough to explain the core to shell plasticity transition. It is also
important to emphasize that the configuration of the interface
seems to have little influence on this result, and that a similar
process is obtained regardless of temperature, and for the two
investigated nanoparticle sizes.

Our simulations also revealed a puzzling feature. In fact, for a
shell thickness corresponding to the transition (d ¼ 8:8 nm), one
can see in Fig. 3 that stresses are much less localized in both core
Fig. 3. Cross section views of von Mises stress spatial distributions computed right before di
shell thickness d (reported in the middle of the figure) increases from the left to the righ
(bottom) configurations correspond to a sharp (amorphous) interface, respectively.
and shell, compared to other d values. In addition, it seems that high
stress values are present in large regions of the SiC shell. In Fig. 4-
a,b, we plot the von Mises stress distributions in both the core and
the shell, for different shell thicknesses. Most curves are charac-
terized by a seemingly log-normal shape, with a maximum around
1 GPa, and a long-range tail for high stress values. Curves for d ¼ 8:8
nm are clearly different from the others, with a flat maximum of
3.5e5 GPa in the Si core, and a broad peak with a maximum at
4.5 GPa in the SiC shell. Moreover, the slowly decreasing tails
indicate that a significant proportion of high stress values can be
found, especially in the SiC shell. We also plot the hydrostatic
pressure distributions in Fig. 4-c,d. For d ¼ 8:8 nm, positive and
negative values, larger than in other curves, can be found in the SiC
shell. An interesting fact is that the Si core becomes almost fully
compressed just when the shell thickness is equal to 8.8 nm,
although it appears to be mainly in expansion for very thin shells
(d ¼ 2:5 nm).

This peculiar state for d ¼ 8:8 nm corresponds to the transition
of the plastic deformation between the shell and the core. For other
thickness values, shear stress concentration occurs, leading to
dislocation nucleation either in the Si core or the SiC shell. Strik-
ingly, it seems that stress concentration mechanisms are strongly
inhibited at the transition state, as though the core and the shell
were exactly compensating each other. Furthermore, the geometry
with d ¼ 8:8 nm allows to attain the largest strain and stress values
before dislocation nucleation. The significance of this original
finding is difficult to assess. As far as we know, it has not been re-
ported before, one possible reason being the lack of studies dedi-
cated to mechanical properties of coreeshell nanostructures. It is
conceivable that an equivalent process could have been already
identified from nanoindentation studies of layered materials. But it
is also possible that it is unique to nanoparticles, especially if lateral
deconfinement is critically needed [25].
4.2. Influence of the interfaces

At first sight, there are little differences of mechanical behaviors
between nanoparticles with sharp or amorphous interfaces. For
further analysis, the changes in von Mises stresses between the
uncompressed state and the onset of dislocation formation are
computed across the nanoparticles for two different cases. A slow
slocations are nucleated, from compression tests of 50 nm nanoparticles at 5 K. The SiC
t, the two extreme cases being the full Si (left) and full SiC (right) nanoparticles. Top



Fig. 4. von Mises and hydrostatic stress distributions in the Si core and SiC shell,
computed right before dislocations are nucleated, from compression tests of 50 nm
nanoparticles at 5 K and a sharp interface. The curves correspond to different SiC shell
thicknesses: d ¼ 0, i.e full Si (dark grey), d ¼ 2:5 nm (blue), d ¼ 5 nm (orange), d ¼ 8:8
nm (red), d ¼ 12:5 nm (green), d ¼ 25 nm, i.e. full SiC (magenta). (For interpretation of
the references to color in this figure legend, the reader is referred to the Web version of
this article.)
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increase of the von Mises stresses is observed for a thin SiC shell
(Fig. 5-b). Sharp variations can be noticed at the interfaces and at
the surface. In particular, a significant stress decrease is observed at
the boundary between the Si core and the amorphous interface. We
find similar features for the nanoparticle with thick shell (Fig. 5-c).
Note that larger stresses are obtained for the amorphous interface
compared to the sharp one, because of a slightly higher dislocation
nucleation strain in the former case.

This analysis reveals differences in stress concentration between
the sharp and amorphous models, especially in the vicinity of the
coreeshell interface. However these remain relatively small, so that
the interface structure has little influence on the stress buildup in
the Si core (for low d values) or in the SiC shell (for high d values),
and on the subsequent nucleation of dislocations in these regions.

We also try to estimate the amount of plastic deformation in the
amorphous interface, during compression. Unfortunately, available
knowledge on plasticity in a-SiC is scarce [43], without any proven
methodology to detect and monitor deformation mechanisms. In
amorphous silicon, it is known that plasticity is strongly related to
over-coordinated atoms [44]. By analogy, we thus investigate the
evolution of atomic coordination inside the nanoparticles at 5 K
(Fig. 5-d-g). An increase of coordination is clearly observed in the
amorphous interface (except for d equal to 12.5 nm), from the initial
configuration to the state preceding dislocation nucleation. This
might be the footprint left by plastic deformation, which would
explain the relative absence of stress buildup in the interface before
dislocation nucleation (Fig. 5-b). Finally, a puzzling observation is
an unexpected coordination decrease in the SiC shell, in the vicinity
of the interface, for thicknesses of 5 nm and 8.8 nm.We believe this
might be due to a significant lateral deformation in this region,
leading to a low coordination reduction. This hypothesis is sup-
ported by the fact that for both d ¼ 5 nm and d ¼ 8:8 nm, the
nucleation of dislocation occurs at large strains, compared to the
other cases (d ¼ 2:5 nm and d ¼ 12:5 nm). This yields high
compression stresses in this region, as predicted by contact theory.
4.3. Plasticity transition between core and shell

At last, we discuss the value of the shell thickness corresponding
to the plasticity transition between core and shell. One interesting
question concerns its meaning and whether it could be predicted
for other systems, be it with different sizes or other materials.
Regarding sizes, on has to determine if d at the transition does
depend or not on the nanoparticle diameter. Alternatively, the
invariant quantity could possibly be the ratio of d over the di-
ameters (equal to about 0.18 for the 50 nm size). To gain further
insights, it seems reasonable to first try to apply the well known
Hertz theory of elastic contacts. The latter suggests that the
maximum shear stress is located below the indenter at a depth of
approximately 0:48l, assuming a Poisson ratio of 0.23 and a contact
surface of area pl2 [42]. Assuming that the first dislocations formed
in the vicinity of this specific point, plasticity could then occur in
the shell or the core depending on the shell thickness. In the Hertz
theory, l has a weak 1=3 power law dependence on the nano-
particle diameter and on the applied load. It implies that the shell
thickness value associated to the transition would be constant at
first approximation. Using our simulation data, we find that l is in
the range 7.9 nme10.5 nm for the 50 nm nanoparticle, yielding a
depth of 3.8 nme5.1 nm. Thus the Hertz theory predicts a
coreeshell transition for a much lower shell thickness than the
value found in our simulations.

Here we propose another model, based on the specific geometry
of the coreeshell nanoparticle and the constraints it imposes on
dislocation expansion. The examination of the microstructures of
plastically deformed nanoparticles in Fig. 2 suggests that for low d,
the formation of dislocations in the SiC shell is not an efficient way
to relax the imposed stress because the available volume between
the contact surface and the Si core is limited. If dislocations would
nucleate from the contact surfaces, their expansion would be
impeded by the Si core. Conversely, when d ¼ 12:5 nm, i.e. when
the Si core is smaller, these dislocations can freely expand without
meeting the Si core until reaching the lateral surfaces. In thismodel,
the plasticity transition should only depend on the ratio between
d and the nanoparticle diameter. This is confirmed here since for
the 20 nm nanoparticles, we find that the transition is obtained for
d ¼ 3:5 nm, i.e. for a similar ratio of 0.18.

Our model should undoubtedly be confronted to additional
works, especially including a wider set of sizes. It is also important
to investigate other coreeshell nanoparticles made of different
materials. In particular, the fact that the SiC-Si interface appears to
be a barrier to dislocations is a critical factor in the present study. In
relation to this point, it would be interesting to examine the plastic
deformation of hard coreesoft shell SiC-Si nanoparticles.



Fig. 5. aec): Change of the von Mises stresses (GPa) between the uncompressed state and the onset of dislocation nucleation for SiC shell thicknesses of a) 2.5 nm and b) 12.5 nm for
both sharp (green curves) and amorphous (red curves) interfaces. The averages have been calculated for atoms inside a cylindrical region of radius 1 nm and 0.5 nm wide, which
traverses the center of the nanoparticles along the compression axis (see sketch in (a)). The sharp (amorphous) interface position is marked by a thick green line (the cyan area).
(deg): cross-sectional views of the atomic coordination, computed with a cutoff of 3.2 Å, for nanoparticles with an amorphous interface and various SiC shell thicknesses
(2.5 nm (d), 5 nm (e), 8.8 nm (f), 12.5 nm (g)). The top pictures show the uncompressed configurations, whereas the bottom pictures display compressed nanoparticles, just before
nucleation of the first dislocations. All data reported in this figure are obtained from calculations at 5 K. (For interpretation of the references to color in this figure legend, the reader
is referred to the Web version of this article.)
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5. Conclusion

Our investigations of the mechanical properties of Si-SiC
coreeshell nanoparticles, performed using molecular dynamics
simulations, lead to the following results. Original plasticity
mechanisms and high stresses are revealed during the plastic
deformation of the nanoparticles, which is fully ductile. We also
find that the plastic deformation is either confined in the shell or in
the core, depending essentially on the SiC shell thickness. The
structure of the coreeshell interface has a negligible influence on
mechanical properties. We tentatively explain this phenomenon by
proposing a model based on geometric constraints due to the Si
core. At last, the transition between core and shell plasticity is
associated to a peculiar elastic configuration, for which stress
concentration appears to be suppressed.
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