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Abstract

The influences of surface step state and temperature on the elastic limit for dislocation nucleation from a surface step were analyzed by
means of atomic scale simulations in face-centered cubic metals. When varying the step height, two regimes were found: for smaller steps,
local effects dominate, whereas for larger steps, the stress concentration prevails. The differences observed for the elastic limit were cor-
related to relevant properties of the different potentials. Finally, for aluminum, the implication of the activation parameters in the nucle-
ation strain was studied in greater detail. This study is particularly relevant to nanostructures, where plasticity is most often governed by

dislocation nucleation rather than dislocation multiplication.

© 2010 Acta Materialia Inc. Published by Elsevier Ltd. All rights reserved.
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1. Introduction

Plasticity in bulk crystals, especially in metals, is most
often governed by the multiplication of dislocations from
sources, such as Franck—Read sources, and their subsequent
glide. However, in nanostructures (thin films, whiskers,
nanograined materials, etc.), because of the small dimen-
sions and the low initial density of dislocations, there are
no or few active sources to initiate plasticity. Nucleation of
dislocations, rather than their multiplication, then becomes
a mechanism of prime importance. This feature also appears
in the case of nanoindentation, for which dislocation nucle-
ation is commonly associated with the discrete displace-
ments bursts observed in the load—displacement curve, the
so-called pop-ins [1-5]. The process of dislocation nucleation
has recently regained attention with the development of
nanowire/nanopillar deformation tests [5-10]. The mechan-
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ical properties of these nanostructures have indeed attracted
much interest, not only because they are potential compo-
nents for the next generation of electronic devices, but also
because they are model materials for the study of the elemen-
tary mechanisms of plasticity, in particular those related to
the size-scale effects usually observed when going towards
smaller dimensions [5,6,9—-12].

Nanowires and other nanomaterials are characterized
by a high surface to volume ratio, so that surfaces are
expected to play a key role in dislocation nucleation. In
fact, the occurrence of surface dislocation nucleation is
supported by experimental evidence [13], in particular in
epitaxially strained layers [14-19], though also in the case
of indentation [20,21]. From a fundamental standpoint,
the mechanism of surface dislocation nucleation is charac-
terized by activation parameters, which define the energy
barrier that the dislocation must overcome to be nucleated
into the crystal [22,23]. These parameters are intrinsic to
the mechanism of dislocation nucleation.

Conversely, “external” parameters, such as the initial
surface state, the temperature or the strain rate, can modify
the mechanism under consideration, for example by changing
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the activated glide system [24]. However, their most notice-
able expected effect is to modify the elastic limit, here
defined as the stress necessary to nucleate the first disloca-
tion. These external parameters are more or less directly
controllable experimentally. To gain a deeper insight
into the plasticity of nanostructured materials, it is of
fundamental importance to determine their role in the
dislocation nucleation process.

For example, there are experimental indications that the
presence of defects or irregularities on a surface can signif-
icantly favor dislocation nucleation [3,14,17,25-27], the
main reason invoked being the local stress concentration
near the surface defects. The case of a straight surface step
on a surface appears to be particularly interesting in this
context since it can help dislocation nucleation not only
because of the stress concentration but also by the energy
gain if the step height is reduced during nucleation. More-
over, being a simple defect, the presence of straight step
segments is very likely on real crystal surfaces.

Because of the small space and time scales involved, sur-
face dislocation nucleation events are difficult to observe
experimentally, and experiments can hardly provide
detailed information on the mechanism, especially where
surface steps are concerned. Consequently, several analyses
based either on continuum (elasticity) [28-32] or semi-con-
tinuum (Peierls—Nabarro) [33,34] models have been devel-
oped, all inferring that surface steps are preferential sites
for dislocation nucleation. Nevertheless, continuum models
do not take into account important atomistic details, and
even semi-continuum models, which incorporate a number
of atomistic features, rely on assumptions about the mech-
anism under study (e.g. activated glide systems). Therefore
atomic scale simulations seem the best suited for a fine
investigation of the nucleation event [22,24,35-40]. In the
previous studies using atomic scale simulations, for both
face-centered cubic (fcc) metals and covalent silicon, the
favorable effect of straight surface steps for dislocation
nucleation has clearly been emphasized in two-dimensional
[35,36] and three-dimensional [37,38] cases; the conditions
required for nucleation to occur have been determined
[24,35], the activation parameters have been calculated
[22,23,38,39], and in nickel the dislocation nucleation from
a surface step has even been examined during growth [40].

Complementarily, the works set out in the present paper
aim to study in detail, with atomic scale simulations, the
influence of two external parameters on the elastic limit.
We consider the case of a surface containing a straight step
under stress, and analyze the effect of varying the step
height and the temperature. The evolution of the elastic
limit with temperature is then correlated with the activa-
tion energy. This study is realized on the fcc metals alumi-
num and copper, because their plasticity is relatively simple
and well known (as compared to covalent materials or even
body-centered cubic metals). Furthermore, for fcc metals,
reliable semi-empirical potentials, based on the embedded
atom method (EAM) [41,42], are available. In Section 2,
the computational methods used are reported. Then in Sec-

tion 3, the onset of plasticity is described. The effect of
varying the step height is analyzed in Section 4. Finally,
the variation of the elastic limit as a function of tempera-
ture in the case of monoatomic steps is examined and dis-
cussed in relation to activation parameters in Section 5.

2. Methods
2.1. Interatomic potentials

Three different EAM interatomic potentials were used
for this study. Most of the calculations were done with
the Aslanides and Pontikis (Al-AP) [43] potential for alu-
minum. We also used the Ercolessi and Adams (Al-EA)
[44] potential for aluminum, and the Aslanides and Ponti-
kis (Cu—AP) [43] potential for copper. Some relevant prop-
erties of these potentials are listed in Table 1. The same
properties for the Mishin et al. potential for copper [45]
(used in a comparable study; see Section 5.2) and experi-
mental or ab initio values are also included in Table 1 for
comparison. Both potentials for aluminum mainly differ
in intrinsic and unstable stacking-fault energies, which
are greater and closer to experimental or ab initio values
for AI-AP. v, and 7y, also differ for copper potentials, but
the absolute difference between both copper potentials is
much smaller than that for aluminum potentials.

2.2. Model geometry

The model system used for this study is a monocrystal-
line fcc slab with two (100) free surfaces separated by 10a,
(Fig. 1). On one of these surfaces, two steps are built, the
step lines being along the [011] dense direction of the fcc
structure. Along this [011] direction, as well as along the
orthogonal [011] direction (also belonging to the surface),
periodic boundary conditions are applied, with a length of
15v/2ay. Thus, our system corresponds to an infinite self-
supported thin film with two infinite straight steps on one
surface. These steps lie at the intersection between the sur-
face and {111} planes, so that the geometry is particularly
well suited to study glide events in those planes. The system
contains 17,700 atoms; though being quite small, the sys-
tem size is expected to have no influence on the results con-
cerning the very first stages of the nucleation process,
which in essence are limited to a small volume. Tests on lar-
ger systems (up to 142,800 atoms) have also been per-
formed, showing no significant change in the results in
particular in terms of nucleated dislocations and elastic
limit.

The slab is then submitted to a uniaxial stress along the
[011] direction; that is, orthogonal to the step lines. For
this stress orientation, the Schmid factor is maximum in
{111} planes on a Shockley partial dislocation with a Bur-
gers vector orthogonal to the step line (with an edge char-
acter if the dislocation line is straight). The stress is applied
through the strain calculated using linear elasticity: the sys-
tem is elongated with a strain ¢ along [01 1] and compressed



4184 S. Brochard et al. | Acta Materialia 58 (2010) 41824190

Table 1

Lattice parameter ao at 0 K, thermal expansion coefficient at room temperature o, elastic constants Cy;, Cj, and Cyy and anisotropy ratio 4 at 0 K,
intrinsic y; and unstable v, [53] stacking-fault energies at 0 K for the three EAM potentials used in this study [43,44], for Mishin et al. potential for copper
[45] and comparison with experimental (room temperature) or ab initio (0 K) values.

Al-AP Al-EA Al (exp., ab in itio) Cu-AP Cu-Mishin [45] Cu (exp., ab initio)
ao (A) 4.020 4.032 4.05 [47] 3.615 3.615 3.61 [47]
a (107° K™ 2.3 1.3 2.4 48] 1.6 ~1.6 1.6 [51]
Cy; (GPa) 116.5 117.6 106.8 [49] 172.5 169.9 166.1 [52]
C)2 (GPa) 60.9 62.3 60.4 [49] 119.0 122.6 119.9 [52]
Cy4 (GPa) 29.7 36.7 28.3 [49] 84.8 76.2 75.6 [52]
A 1.07 1.33 1.22 [49] 3.16 3.22 3.27 [52]
7; (mJ/m?) 155 104 [44] 167 + 33 [50] 29 44 61 £+ 17 [50]
s (MJ/m?) 175 125 [46] 199 + 25 [50] 174 158 184 + 26 [50]

(a)

al‘i

[011] [0l

Fig. 1. Typical dislocation half-loop configurations obtained during an MD run at 300 K. (a) Aluminum (AP potential) with initially monoatomic steps
under 5.7% applied strain. (b) Aluminum (AP potential) with steps of initial height two atomic layers under 6.2% applied strain. Atoms are colored
according to their central symmetry parameter [60]; only atoms which are not in a perfect fcc environment are drawn: surfaces (yellow—green), stacking
faults and dislocation cores (blue). (For interpretation of the references to colour in this figure legend, the reader is referred to the web version of this

article.)

along [011] and [100]. The compression in these two latter
directions is simply ve, v being the Poisson’s ratio, for the
almost isotropic case of aluminum modeled with the Al-
AP potential; for copper and for the AI-EA potential,
the compression is calculated using the linear anisotropic
elasticity for the specific chosen orientation [54]. The elastic
constants used are listed in Table 1. They have been calcu-
lated with each potential at 0 K. The elastic constants can
vary significantly with temperature. We have checked that
using the temperature-dependent elastic constants recently
published by Warner and Curtin [46] for the AI-EA poten-
tial does not yield differences in the way the strain is
applied, which is consistent since the Poisson’s ratio was
found to be temperature independent by Warner et al.
The temperature dependence of the stress—strain relation
has not been taken into account here.

2.3. Computational methods

Both 0 K and finite temperature calculations are made.
For 0 K calculations, the system is relaxed using a conju-
gate-gradient algorithm, until the atomic forces are lower
than 1073 eV/A. The strain is increased by 0.1% increments
between each energy minimization. Molecular dynamics
(MD) simulations at finite temperature are performed at

a constant strain rate & =5 x 10’ s~'. This value, typical
of MD simulations, is many orders of magnitude larger
than experimental ones (~107>s™'). The strain rate sensi-
tivity of the nucleation stress has been estimated by Zhu
et al. [55], who have shown that a reduction in the nucle-
ation stress can amount to up to 50% when passing from
strain rate values typical of MD simulations to experimen-
tal ones. The time step is no larger than 1 fs, which is small
enough to ensure that there is no energy drift for all the
temperatures studied. The latter are introduced by giving
random initial velocities to all atoms according to the
appropriate Maxwell-Boltzmann distribution and main-
tained by a smooth rescaling of atomic velocities at each
MD step.

The thermal expansion is taken into account in this
study by using the equilibrium lattice parameter deter-
mined for each temperature with the appropriate inter-
atomic potential. Values of the thermal expansion
coefficients at room temperature for the three potentials
used here are given in Table 1. Not taking into account
the thermal expansion, as was done in previous studies
[22,37], increases the computed elastic limits for finite tem-
perature calculations, since the system is then slightly com-
pressed and thus the “true” strain is lower than the applied
strain. For example, at 300 K the critical strain for nucle-
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ation is reduced by 1% (5.6% compared to 6.6%) when the
thermal expansion is considered. Obviously, this difference
increases with temperature.

The knowledge of the activation parameters, which
defines the energy barrier that the system has to cross for
a given mechanism to occur, is fundamental in rationaliz-
ing the dislocation nucleation event. In this study, the acti-
vation energy is determined for different applied strains by
means of a static method, the nudged clastic band (NEB)
technique [56], specifically designed for the study of transi-
tion states. Within the NEB method, the initial and final
configurations, independently relaxed, must be provided.
A chain of replicas, also called images, is then constructed
between the initial and final states. Next, these intermediate
images are relaxed, while being constrained by springs,
which impede them falling into one of the two minimum
energy configurations, i.e. the initial and the final state.
The convergence of the whole leads to the minimum energy
path (MEP), from which the activation energy, defined as
the maximum of the MEP, can be extracted. In this study,
we used two refinements of the NEB method: the improved
tangent [57] and the climbing image [58].

The initial configuration for the NEB method is con-
structed here by fully relaxing a deformed system contain-
ing no defect, except the monoatomic surface steps. The
final configuration consists of a deformed system contain-
ing a dislocation half-loop such as obtained during an
MD run, with a loop radius just a little bit smaller than
the slab thickness. This configuration is relaxed so that
its energy is lower than the energy of the initial configura-
tion by several electronvolts. It must be stressed that the
final configuration is not fully relaxed, since a full relaxa-
tion would yield to the formation of a microtwin [35,37]
much too far from the transition state to be used within
the NEB method. An alternative way to deal with the final
state would be to use the free-end nudged elastic band
method [59]. Nevertheless, the fixed final configuration
used here is chosen to be far enough from the configuration
of the saddle point, and is assumed to be sufficiently
relaxed to be close to the MEP. As a result it is sound to
assume that it has little influence on the convergence of
the MEP near the saddle point or on the activation energy.

Finally, the intermediate images for the NEB method
are built using several configurations obtained during an
MD run and interpolations. Indeed, the large number of
atoms involved in the dislocation nucleation mechanism
results in a complex topology in the configuration space,
so that a single interpolation between the initial and the
final state is not suited for the construction of the interme-
diate images. MD simulations are a necessary prerequisite
here.

3. Description of the onset of plasticity
In the following, the nucleation strain is the applied

strain necessary to observe the first plastic event, that is,
dislocation(s) nucleation. The elastic limit is defined as

the stress corresponding to the nucleation strain calculated
using linear anisotropic elasticity with elastic constants
given in Table 1. Because of deviation from linearity for
high stresses (see e.g. Fig. 2 in Ref. [35] for the Al-AP
potential), and since the elastic constants at finite tempera-
ture are different from those at 0 K, our calculated elastic
limit is not strictly equal to the true stress in the material,
even before the occurrence of any plastic event. For exam-
ple at 300 K, for the AI-EA potential, the elastic limit is
overestimated by ~14% when using 0 K elastic constants
instead of temperature-dependent ones. Nevertheless, the
elastic limit calculated here gives a rough estimate of the
stress level present in the material just before dislocation
nucleation.

Previous simulations with the Al-AP potential [35,37]
have shown that for the chosen stress orientation, and
for monoatomic steps, the athermal nucleation strain is
~8.6%, for which two 90° straight Shockley partial disloca-
tions are nucleated from both steps, leaving behind a stack-
ing fault (see e.g. Fig. 2 in Ref. [37]). When temperature is
introduced a dislocation half-loop is nucleated for a lower
applied strain and from one step [37], as can be seen in
Fig. 1. The half-loop is the same kind of Shockley partial
as that obtained at 0 K, in agreement with the Schmid fac-
tor analysis. For both 0 K and finite temperature calcula-
tions, the dislocation is nucleated in the {111} planes in
zone with the step such that the nucleation yields a reduc-
tion of the initially monoatomic step height. The appear-
ance of such events is characterized by a sudden drop in
the potential energy of the system. In a few cases, we
checked that relaxing the stress on these configurations
containing the first nucleated dislocation(s) does not pro-
duce their disappearance.

The same qualitative results are observed with Al-EA
and Cu-AP potentials for monoatomic steps, that is, two

0 Al-AP
. o AI-AP (larger system)
= A}-EA .
m Al-EA (larger system)
7
< 6 // /é\\\ T
s e ~. o
= ./ Q.
) . ~
£ 2 = e y
< .o ==
5 e -
N 5 | % E =
g o ... ]
% E _______________
) o o
g o
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Fig. 2. Nucleation strain obtained at 300 K as a function of the step
height & (number of atomic layers) for the AI-FAP and AI-EA potentials.
The dashed and dotted curves are only guides for eyes. The shaded zones
indicate the change of the glide plane activated for the Al-AP (grey,
1<h<2) and Al-EA (green, 2 <h <4) potentials, respectively. (For
interpretation of the references to colour in this figure legend, the reader is
referred to the web version of this article.)
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90° straight (0 K) or one half-loop (finite temperature)
Shockley partial dislocations are nucleated from the steps,
leading to a reduction in the step height. The elastic limits
for these events are of course different for the two studied
materials, and they also differ between the Al-AP and
AI-EA potentials. These differences are described and dis-
cussed in Section 5.1.

4. Step height influence

It is sensible to think that changing the step geometry
can modify the mechanism of dislocation nucleation and
the corresponding nucleation strain, but the particular
cases have to be examined with care. For example, in the
presence of a few kinks on the steps, unlike what would
have been thought at first glance the elastic limit is not
modified in comparison with straight steps, but the subse-
quent motion of the formed dislocation is impeded by the
kinks [37]. With a straight step, two beneficial effects are
expected for dislocation nucleation: the energy gain associ-
ated with a reduction of the step height # and the stress
concentration due to the geometrical irregularity on the
otherwise plane surface. The latter effect is supposed to
grow when the step height increases, whereas the former
should barely change. In this section, we analyze the effect
of varying the step height on dislocation nucleation at
300 K. The steps are built so as to extend the {111} planes,
yielding a {111} facet which intersects the (100) surface
along [011] (Fig. 1b).

The nucleation strains obtained for the AI-AP and Al-
EA potentials are shown in Fig. 2 in terms of step height.
For step heights larger than two or three atomic layers
(h = 2 — 3), the nucleation strain decreases when the step
height increases, which is consistent with the assumption
of a greater stress concentration near the step. Using a Pei-
erls—Nabarro approach, confirmed by atomistic calcula-
tions in molybdenum and tantalum (0 K and straight
dislocations), Li et al. [33,34] obtained a similar effect,
though more pronounced than in our case.

What is more amazing is the increase in the nucleation
strain observed in Fig. 2 when the step height changes from
one to two or three atomic layers. This behavior was
obtained for both the AI-AP and AI-EA potentials, sug-
gesting that it is not an artefact of the interatomic poten-
tial. This effect seems to contradict the increase in stress
concentration as a function of the step height previously
invoked. By analyzing the involved mechanisms in greater
detail, it can be seen that, for a monoatomic step, the dis-
location is always nucleated in the same glide plane, the
plane in which the nucleation reduces the step height
(Fig. 1a). On the other hand, when the step height is
increased, a change in the plane where the dislocation is
nucleated is observed (Fig. 1b), the dislocation nucleated
always being the same kind of Shockley partial. This
change occurs for 4 =2 atomic layers with the Al-AP
potential and for 4 =3 or 4 atomic layers with the Al-
EA potential. Then, after nucleation, the step height is

increased. Every time, before nucleation, the von Mises
invariant is maximum in the planes where nucleation will
occur, revealing that these planes are selected before
nucleation.

For a body-centered cubic metal like tantalum, Segall
et al. [34] observed a change in the plane in which disloca-
tion nucleation occurs when the step height increases, but
did not associate this change with an increase in the critical
stress for nucleation. Also, in their calculations the two slip
planes where dislocation nucleation occurs were of different
families. This implies different crystallographic properties,
in particular different generalized stacking-fault energy sur-
faces. This is not the case here, since both activated glide
planes are of {111} type.

From our results, two regimes were found, the transition
between both regimes being characterized by a change in
the activated glide plane. For higher steps (& 2 2-3) the
stress concentration prevails and the elastic limit decreases
when the step height increases. Conversely, for smaller
steps the elastic limit unexpectedly increases with the step
height. This is probably correlated to a diminution of the
stress concentration in the activated glide plane, a plane
otherwise favored by some local effects, such as the energy
gain due to the reduction of the step height during nucle-
ation. In this latter regime, local effects certainly become
predominant.

5. Elastic limit vs. temperature
5.1. Results

In this section, we consider the case of a monoatomic
surface step. Fig. 3 shows the variation in the nucleation
strain and the corresponding elastic limit as functions of
temperature obtained during the MD runs for the three
potentials used in this study.

As expected, the elastic limit decreases when tempera-
ture increases, whatever the potential. Both potentials for
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Fig. 3. Evolution of the nucleation strain and the corresponding elastic
limit (inset) as functions of temperature obtained during an MD run for
the three potentials used in this study.
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aluminum show the same variation, with an absolute differ-
ence of about 1.4% for the nucleation strain (about
0.6 GPa for the elastic limit), except at 0 K, where the dif-
ference amounts to 2.9% for the nucleation strain (1.6 GPa
for the elastic limit).

Since for both potentials the ratio '*— and the elastic con-
stants are very close (see Table 1), the differences in the
nucleation strain between Al-AP and Al-EA can be
ascribed mainly to the difference in the unstable stacking-
fault energy v,,, in agreement with the Rice model for dis-
location nucleation in a comparable geometry [46,53,61].
As regards the evolution of the nucleation strain between
0 and 10 K, the contrast between both potentials is not
so surprising when considering that the mechanism of dis-
location nucleation at 0 K differs significantly from that at
finite temperature. In the former case the energy barrier for
dislocation nucleation must be completely erased by the
applied strain, whereas in the latter case the energy barrier
is overcome by means of thermal movement, the barrier
height varying according to the strain applied. Likewise,
the shape of the nucleated dislocation is completely differ-
ent (straight at 0 K, a half-loop at finite temperature). The
way each potential deals with this change in the nucleation
mechanism here is markedly distinct, which explains the
different evolution in the nucleation strain between 0 K
and finite temperature.

For Cu-AP, the unstable stacking-fault energy is of the
same order as for AI-AP, but the 2t ratio is smaller; in
addition, the elastic constants are globally larger than for
aluminum, which implies that for the same strain there is
a larger stress in copper than in aluminum. These com-
bined effects yield a lower critical strain in Cu than in Al
but a larger elastic limit, as can be seen in Fig. 3.

Constant strain rate and constant stress rate simulations
are quite difficult to compare quantitatively because stress
and strain are not simply proportional, as mentioned in
Section 3. Nonetheless, we compare our results to those
obtained with the Mishin et al. potential [45] by Zhu
et al. [55] in the case of dislocation nucleation from a cop-
per nanowire corner at constant stress rate (cf. Fig. 3 in
Ref. [55]). With a different stress orientation (compression
along (001)) but the same Schmid factor, Zhu et al. also
observed nucleation of a Shockley partial dislocation.
The stress levels that they obtained for dislocation nucle-
ation are of the same order but smaller than ours. This
could be related to the geometry difference and the result-
ing stress concentration, and/or to the differences in the
intrinsic and unstable stacking-fault energies.

5.2. Discussion

5.2.1. Stochastic model and activation energy

Using a stochastic model, the most probable nucleation
strain ¢, can be predicted for a given temperature 7 if one
knows the variation of the activation energy as a function
of an applied strain. The implicit equation that has to be
solved is [55,62]:

dF, v _Fa(gnaT)
Ta) gy exp (el D) 1
de ) kT3 exl’( ky T ) (1)

where F(¢,T) is the activation free energy, v+ is a character-
istic frequency (attempt frequency times number of nucle-
ation sites) and ¢ is the constant strain rate. Hereafter,
Eq. (1) is used in the case of dislocation nucleation from
a monoatomic surface step, and the calculated most prob-
able nucleation strains are compared to the nucleation
strains obtained by direct MD simulations for AI-AP.
We want to show in this way that the nucleation strain is
very sensitive to small changes in the activation volume.
Following Zhu et al, we consider as a first approxima-
tion that the activation free energy can be written as a func-
tion of the activation internal energy:

F.(e,T)= (1 —T—Tm)Ea(s). In their study, Zhu et al. define

T,, as the surface disordering temperature and take it to
be equal to half the bulk melting temperature, and they
evaluate v+ from NEB calculations. Here, we rather con-
sider 7,, and v+ as fitting parameters, since their values
are not precisely known and their determination is beyond
the scope of this paper.

As mentioned above, the essential input for the use of
Eq. (1) is the variation of the activation internal energy
as a function of applied strain. By means of an elastic
model, the activation internal energy for dislocation nucle-
ation from a surface step has been determined [22,23]. Nev-
ertheless, we pointed out in Ref. [22] some limitations of
this elastic model, and indicated that complementary meth-
ods, such as the NEB method, have to be used in order to
obtain accurate values of the activation energy. Fig. 4
shows the dependence on strain of the activation internal
energy E,(¢) for half-loop dislocation nucleation from a
surface step, obtained with the AI-AP potential using the
NEB method, as explained in Section 2. The point deter-
mined from MD results with an Arrhenius method and
the curve obtained from the elastic model [22,23] are also
represented in Fig. 4.

It can be seen in Fig. 4 that the activation energies cal-
culated with the elastic model do not perfectly match those
from the NEB method. As suggested by Li [63], the general
form A(1 — &/e,,;,)" can be used to obtain a better fit to the
NEB points. Here 4 =499.6 eV, n=7.02 and ¢,,, = 8.6%.
The most probable nucleation strain can then be calculated
with Eq. (1), using either the elastic model or the A(1 — &/
equ)" fit for the activation energy. The latter was first used
in order to determine the values of T,, and v* that best fit
the MD nucleation strains. The results, with 7,, =800 K
and v+ = 10'! Hz, are shown in Fig. 5 (dashed curve). These
T,,, v+ values seem reasonable when compared to the melt-
ing temperature (~930K) and the Debye frequency
(~10"* Hz) of aluminum, and the agreement with MD
nucleation strains is excellent.

The same T, and v+ values were used in Eq. (1) with the
activation energy now given by the elastic model. As
expected, the agreement with the MD nucleation strains is
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Fig. 4. Dependence of activation energy on applied strain for dislocation
nucleation from a surface step. Squares and circle show the values
obtained in this study for the Al-AP potential with the NEB method
(squares) and the Arrhenius method (circle). The solid line is obtained
from an elastic model [22,23] and the dashed line is a fit of the form
A(1 — &fey;,)" to the NEB points, where 4 =499.6 eV, n=7.02 and
&arn = 8.6%. The inset shows the results determined by Hara et al. [38],
Izumi and Yip [39] and Zhu et al. [55], together with the results obtained in
this work. All values are plotted as a function of &/e,;,, where ¢ is the
applied strain and ¢,,, the athermal nucleation strain, except those for Zhu
et al., which are plotted as a function of ¢/c,,,, ¢ being the applied stress
and o,,, the athermal nucleation stress.
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Fig. 5. Dependence of nucleation strain on temperature for dislocation
nucleation from a surface step: MD results with Al-AP potential for a
small (open circles) and a large (full circles) system (identical to Fig. 3).
The dashed line is obtained from Eq. (1) with the dashed curve (A(1 — ¢/
eqa)" form) shown in Fig. 4 for activation energy and 7, =800 K and
v* = 10" Hz. The solid lines are obtained from Eq. (1) with the solid curve
(elastic model) shown in Fig. 4 for activation energy and 7,, = 800 K and
v: = 10" Hz (thick line) or 7T,,=1000K and v* = 10" Hz (thin line).
Inset: the triangles show the results obtained by direct MD simulations for
the nucleation stress from a nanowire corner by Zhu et al. [55].

not so good (Fig. 5, thick solid line). A better fit can be found
by adjusting the 7,,, and v+ values, but, as can be seen in Fig. 5
(thin solid line), even with an important latitude for these
parameters, leading to unrealistic values, the agreement with

MD nucleation strains is far from being correct. Eventually,
the strong sensitivity of the nucleation strain to the activa-
tion internal energy, and more specifically to the curvature
of the E,(¢) curve, is evidenced in Fig. 5.

5.2.2. Comparison with previous work: geometrical effect

The activation energies determined for dislocation nucle-
ation from a monoatomic surface step in nickel by Hara et al.
[38], from a sharp corner in silicon by Izumi and Yip [39]and
from the corner of a copper wire by Zhu et al. [55] are plotted
in the inset of Fig. 4 for comparison with our data. Com-
pared to previous studies, the activation energy that we
obtain is characterized by a large curvature in the intermedi-
ate /ey, range (0.55 < &feqy, < 0.75), ie. there is a steep
variation in the activation volume in this range. Such a cur-
vature influences the dependence on temperature of the
nucleation strain significantly, as shown above when com-
paring the prediction of Eq. (1) using NEB vs. elastic model
for the activation energy.

The important role of the activation energy curvature on
the determination of nucleation strains/stresses is further
highlighted when comparing the variation of the elastic
limit with the temperature obtained for the dislocation
nucleation from a monoatomic step in aluminum (present
study) to that obtained by Zhu et al. for the dislocation
nucleation from a nanowire corner in copper, as shown
in the inset of Fig. 5. Indeed, in our case the nucleation
strain shows a sharp decrease for small temperatures, fol-
lowed by a smoother regular decrease for larger tempera-
tures. In contrast, for dislocation nucleation from a
nanowire corner, the nucleation stress exhibits a strong reg-
ular decrease over the whole range of temperatures studied.
These different behaviors can be accounted for by the cur-
vature of the E,(¢) curve obtained in this study, which is
much larger than that obtained by Zhu et al. (inset of
Fig. 4).

Finally, the activation energy curves shown in Fig. 4
stem from studies which differ in the investigated materials
and geometries. Three different fcc metals were considered
by Hara et al., Zhu et al. and us (respectively nickel, copper
and aluminum), so the results cannot be compared directly.
Nonetheless, it is seen in the inset of Fig. 4 that the E,(¢)
curve obtained by Hara et al. is much closer to ours than
that obtained by Zhu et al. Hara et al. studied dislocation
nucleation from a monoatomic surface step under biaxial
strain, i.e. a geometry very similar to that considered in this
paper, whereas Zhu et al. studied dislocation nucleation
from a nanowire corner. It can thus be concluded that
the activation energy for dislocation nucleation is strongly
dependent on geometry. This effect is especially visible on
the variation of the activation volume (the curvature of
the E,(¢) curve) with the applied stress/strain.

6. Conclusion

In summary, the effects of two external parameters, the
surface step state and the temperature, on dislocation
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nucleation from a surface step were studied by means of
atomic scale simulations. This investigation was carried
out on two fcc metals, aluminum and copper.

When varying the step height, an unexpected result was
revealed: an increase in the nucleation strain when the step
height was increased for smaller steps. This result is linked
to the existence of two distinct regimes: one (smaller steps)
where local effects dominate and one (higher steps) where
the stress concentration prevails.

When the temperature is increased, the nucleation strain
(not surprisingly) decreases. Most of the differences
observed between the different potentials have been associ-
ated with relevant properties of these potentials; for exam-
ple, the lower values of nucleation strain obtained for the
Al-EA potential than for the AI-AP potential could be
correlated to the smaller unstable stacking-fault energy
value. Besides, for the AI-AP potential, we specifically ana-
lyzed the implication of the activation parameters in the
lowering of the nucleation strain when temperature is
increased. In fact, knowing the activation energy, the most
probable nucleation strain can be determined directly using
a stochastic model and compared to MD results. In this
paper, we used two different but quite close forms of the
activation energy: the first one stemming from an elastic
model and the second one fitted to NEB calculations.
The important sensitivity of the nucleation strain to the
activation energy was thus demonstrated. Finally, by com-
paring the activation energies and nucleation strains/stres-
ses obtained here and in previous studies, we have shown
that the geometry has a substantial effect on the elastic
limit.

In conclusion, our results underline that a fine analysis
of external parameters is essential for a better understand-
ing of the first stages of plasticity in nanostructures, where
the elastic limit is generally associated with a discrete event
of dislocation nucleation. For such an event, the elastic
limit will depend strongly on the geometry, which is partic-
ularly variable in nanostructures.
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